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The plastic deformation of semi-crystalline polymers containing needle crystals has been
investigated. Stress—strain curves exhibit two linear regions, the elastic (Hookeian) range and
a second linear plastic part. The onset of the plastic part depends on pre-straining and the
slope o = do/dg of the plastic part is dependent on the morphology of the samples. An inter-
pretation is given in terms of the shear-lag theory of discontinuous uniaxially oriented fibres.

1. Introduction

Melt-processed thermoplastic semi-crystalline poly-
mers exhibit under normal processing conditions a
lamellar morphology of the crystalline phase. But if
crystallization occurs under extremely high extensional
flow conditions of the melt a needle-crystalline mor-
phology can arise [1-4]. In this morphology the crys-

tallites have the shape of tiny fibres being about

100 nm long with a diameter of only approximately
10 nm. The length of the fibres is dependent on pro-
cessing conditions (temperature, flow gradient) [5] and
on the polymer, and can vary over several orders of
magnitude while the diameter does not change signifi-
cantly [6]. The needle crystals are embedded in the
amorphous matrix of the same polymer. The macro-
molecules of the amorphous matrix are non-oriented.
The overall morphology of this material has a strong
resemblance to unidirectional discontinuous-fibre rein-
forced composites. Recently it has been demonstrated
that the elastic properties (Young’s modulus, E) of the
needle crystalline materials follow the rules of fibre-
reinforced composite theory (FRCT) [7]. It is the
purpose of this paper to investigate the plastic part
of deformation and to compare it with that of fibre-
reinforced composites.

2. Experimental details

2.1. Sample preparation

The materials used in the present work were poly-
butene-1 (PB-1, My, = 800000) and polyethyleneter-
ephthalate (PET, My, = 90000). The samples were
prepared according to the method of Petermann and
Gohil [8] (Fig. 1).

A small amount of the polymer solution (1% PB-1
in xylene and 0.4% PET in trifluoroacetic acid) was
poured onto a hot glass plate. After the solvents had
evaporated the remaining thin polymer film was
picked up on a motor-driven cylinder which allowed
one to wind up about 1000 layers in order to obtain
thick (100 um) samples for the mechanical tests.
Electron-transmissible films were obtained by using
single layers which were cut into small pieces, floated
off on distilled water and finally put on to copper
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grids. The thick specimens were dried in an oven at
50°C and then pressed at room temperature (RT) at
a pressure of 220bar (22 MPa). While the PET
samples were annealed at different temperatures (with
fixed ends) with the aim to vary the morphology, the
PB-1 samples did not expericnce any further heat
treatment becausc the needle length was varied by
different drawing temperatures. Amorphous PET foils
were produced by melting the granulate in a hot press
at 280° C and 100 bar (10 MPa) for 5min and subse-
quent quenching in ice-water.

The sample preparations described above lead to
the following different morphologies:

(i) short-needle PB-1 films;
(ii) long-needle PB-1 films;
(iii) micellar PET

(iv) lamellar PET;

(v) amorphous PET.

2.2. Characterization techniques

Transmission electron microscopy was used to deter-
mine the morphological structure of the polymers.
They were examined in a Philips EM400T, oper-
ated at 100kV, wusing bright-field and diffraction
techniques.

The mechanical tests were carried out with a Zwick
1445 tensile testing machine using deformation veloci-
ties of 1 mmmin~' for the PB-1 and Smmmin~' for
the PET samples. The specimen size was 50mm x
6 mm, gauge length 35mm. The testing temperature
was kept below the glass transition temperature of the
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Figure 1 Schematic sketch of the film-spinning apparatus.
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matrices (PB-1; T, —10°C,PET: T, = 70°C) at —50
and +20° C, respectively.

3. Results

3.1. Crystalline morphologies

Fig. 2 shows TEM micrographs of the morphology of
the PB-1 samples (schematic sketches are inserted)
drawn from the melt at 100 and 150° C, respectively.
In the case of the lower preparation temperature the
average needle length [ is about 100nm (Fig. 2a)
whereas the needle length increases to about 370 nm at
a preparation temperature of 150°C (Fig. 2b) [9]. As
can be seen from the micrographs the samples are
highly oriented, with well-aligned needle crystals in
the orientation direction. The crystalline morphol-
ogies of melt-spun PET samples are shown in TEM
micrographs (Fig. 3). In the as-drawn state the
material consists of single micelles which are prefer-
entially aligned in the orientation direction (Fig. 3a)
as can be seen from the inserted diffraction pattern.
Annealing at 200° C causes a morphological trans-

Figure 2 Bright-field transmis-
sion electron micrograph of
needle crystalline PB-1. Inserted
is the corresponding electron
diffraction as well as a sketch of
the morphology: (a) drawn at
100°C, (b) drawn at 150°C.
Arrows denote the ¢ direction.

—

formation into lamellae-like crystals which are formed
by lateral crystallization (Fig. 3b) [10].

3.2. Cyclic deformation

The general deformation behaviour of the samples
characterized as described above is illustrated in
Fig. 4. Two linear regions in the deformation curve
can be recognized. The stress—strain curves shown in
Fig. 5 are from the cyclic deformation of PB-1 samples
with average needle length of 100nm (Fig. 5a) and
370 nm (Fig. 5b). The first cycle does not exceed the
Hookeian range, as can be seen from the 100% reversi-
bility after unloading the samples. Straining the
second time results in a linear elastic part followed by
a second linear part with a slope « = do/de. Compar-
ing Fig. 5a with Fig. 5b a strong increase in « as well
as Young's modulus, E, with increasing needle length
can be detected. Following the number 7 of deforma-
tion cycles, E and a remain nearly constant. Table I
shows the values of E and « for the two different
needle lengths. Similar deformation behaviour is
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Figure 3 Phase contrast electron
micrograph of drawn PET (dif-
fraction pattern is inserted,
arrows denote the ¢ direction):
(a) as-drawn, (b} annealed at
200°C.

observed when straining as-drawn and 200° C annealed
PET, as can be seen from Figs 6a and b. In the first case
{micellar morphology, Fig. 6a) again a second linear
part follows the Hookeian range with a slope which is

TABLE I Experimental values for Young’s modulus and its
dependence on sample morphology

Polymer  Morphology*  Deformation  Young’s  dog/de
temperature modulus  (MPa)
(] (GPa)
PB-1 Needle-like, —50 3.3 1010
[ = 100nm
PB-1 Needle-like, —50 5.85 2460
/ = 370nm
PET Micellar RT 1.42 205
PET Lamellar RT 32 -
PET Amorphous RT 1.22 -

*] = average needle length.
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well below the value of o, obtained from PB-1 samples
{see Table I). Again the modulus, E, does not change
with increasing cycles, #. No second linear part (at
higher strains) occurs when the 200° C annealed PET
samples are stretched (Fig. 6b), although the Young’s
modulus has increased considerably. Obviously this
fact is caused by the change in morphology from
micellar to lamellar. Deformation curves of amorph-
ous PET are shown in Fig. 6c. After the Hookeian
range necking occurs.

4. Discussion

Similar stress—strain curves with two different regions
have been obtained in uniaxially oriented fibre com-
posites for tungsten fibres in a copper matrix [11] and
for Al, O, fibres in an epoxide matrix [12]. In the case
of continuous tungsten fibres in the copper matrix,
two different slopes in the stress—strain curves occur
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Figure 4 Stress—strain curve of PB-1, drawn at 100°C.

resulting from the rule of mixtures:
E. = vk + (1 - vk,

where in the elastic part E, denotes the Young’s
modulus of the matrix, v, the volume fraction of the
fibres, and E; the Young’s modulus of the fibres. As
soon as the matrix deforms plastically, E,, has to be
replaced by the work-hardening coefficient of the
matrix,

do/de

and if the work-hardening coefficient is independent
of the strain, &, two linear regions in the stress—strain
curves of the composites are expected. With short-
fibre reinforced composites [13] similar stress—strain
curves can also result. The same arguments as men-

o =

fibres, the fibres can break after the composite has
exceeded a limited strain [14] or the matrix can fail at
the fibre ends [15] giving a decrease of the elastic slope
as the strain increases.

As seen from the electron micrographs (Figs 2a and
b and 3a) and the dependence of the Young’s modulus
on needle-crystal length, our material resembles very
closely a short-fibre composite material with a broad
distribution of needle crystal length (and aspect ratio)
and an excellent bonding between fibres and matrix, as
both consist of the same polymer being connected by
tie-molecules. But none of the arguments mentioned
above can account for the occurrence of stress—strain
curves with two different linear slopes and the increase
in strain of the first region (linear elastic part) with
increasing numbers of cycles. A work-hardening of
the matrix is not to be expected and not observed
(Fig. 6¢) and a failure of the matrix at the fibre ends
or a breaking of the fibres has not been detected. A
model for the mechanical behaviour of our material
has to explain the following experimental results:

(i) the increase in yield stress with increasing num-
ber of cycles, and

(ii) the increase of the slope in the second linear part
(plastic part) of the deformation curves with increas-
ing needle length.

The assumptions for our model are a very broad dis-
tribution of the uniaxially oriented needle crystals and
validity of the shear-lag model [16]. Let us suppose
that we have a very short needle crystal (short means
much smaller than /) in the vicinity of the end of a
long needle crystal (long means much longer than 2/,)
(Fig. 7). The shear stress distribution along the longer
needle crystal with the strain of the overall material as
parameter is shown in Fig. 8, as calculated from shear-
lag theory:

Efg[ G, ]”2 sinh [8(//2 — x)

tioned for continuous-fibre composites may apply but t= 2E; In (R/ry) cosh (BI2) )
additionally, two mechanisms can lead to deformation "
curves of these composites with two distinct regions: g = Gn2n )
depending on the aspect ratio of the discontinuous E A: In (R/r)
2001 4th 2001
4th
160 oL
s
a
f‘ § 3rd
° 120+ N
] 2
) 1]
£ o
? o & 80
‘0_1st 0
1 Ll O T T T I O O 1) Lol L1 1
1 123 1234 2 L 6 8 © 172 12345
(a) STRAIN € [%] (b) STRAIN & (%]

Figure 5 (a) Cyclic stress—strain curves of PB-1 (drawn at 100° C), (b) cyclic stress—strain curve of PB-1 (drawn at 150°C).
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Figure 6 Stress—strain curves resulting from cyclic
deformation of PET, containing different morphologies:
(a) micellar morphology, (b) lameliar morphology, (c)
amorphous.
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where T = shear stress in the fibre/matrix interface,
G,, = shear modulus of the matrix, £; = modulus of
the fibre, r, = radius of the fibre, R = distance
between two parallel fibres, A; = cross-section area of
the fibre, x = distance from one end of the longer
needle crystal (Fig. 7) and [ = length of longer
crystal.

The short crystal is located in a gradient of shear

T‘r

non-active
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stress and hence is exposed to a driving force. If the
shear stress exceeds the yield stress of the matrix, the
short needle will be displaced via plastic deformation
of the matrix in the direction of the end of the long
needle crystal. Reaching this point the shear gradient
is zero and consequently no further migration of the
short needle crystal occurs. With increasing overall
strain, short crystals which are further from the ends
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Figure 7 Schematic sketch,
demonstrating the influence of
the shear stress distribution on a
small particle as a function of its
position relative to the long fibre.
Plastic displacement of the small
particle occurs only in regions
with grad t # 0.



Figure 8 Shear stress distribution along a fibre of length /. Parame-
ter is the strain, & &, > ¢,.

of the long needle crystals may reach the critical driv-
ing force and will be displaced towards the needle
ends. Expressing this in terms of a cyclic experiment,
the overall strain of the first cycle has to be exceeded
during the following one in order to displace the short
crystals lying further away. Due to this fact an increase
of the yield strain will be the consequence (Fig. 9).
After repeated straining, all needle end-faces lie in a
plane perpendicular to the orientation direction and
no further driving force exists. This is the case for a
lamellar arrangement of the polymer crystals. Only the
linear elastic part is then observed (having a brittle
amorphous matrix as in the case of 200° C annealed
PET), Fig. 6b.

In the model used here, only the ends of the needle
crystals are considered to be active (having sufficient
shear gradient). With increasing length of the shorter
needle crystals, the critical gradient for displacing
them towards the ends of the longer needles must
increase for two reasons: the number of sufficiently
small crystals available to be displaced has decreased,
and a higher gradient is needed to displace the some-
what “longer” short needle crystals, resulting in a
steeper slope of the second part of the stress—strain
curves.

The model proposed here should also be true for a
system of discontinuous-fibre reinforced material, in

which the matrix contains rigid short particles, but no
such investigations are known to our knowledge.

5. Conclusions

The present report is concerned with the deformation
behaviour of polymers with different crystalline morph-
ologies. Summarizing the results obtained by cyclic
deformation of the materials leads to the following
conclusions:

1. Fibre self-reinforced polymers exhibit a second
linear (plastic) part (when the Hookeian range is
exceeded) with a slope o = do/de, depending strongly
on the apparent needle crystal length.

2. The deformation model includes two assump-
tions:

(a) a very broad distribution of needle crystal length,
and

(b) the validity of the shear-lag model. The deforma-
tion mechanism-is then described as a displacement of
short needle crystals via plastic deformation of the
matrix, with the shear stress gradient of a long needle
crystal being the driving force.

3. Increasing overall strain leads to increasing yield
strain, obtained at each new deformation cycle, while
an increased shear stress gradient results in a steeper
slope «.
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